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Crystallography of Fatigue Crack Initiation and Growth
in Fully Lamellar Ti-6Al-4V
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Fatigue crack initiation in titanium alloys is typically accompanied by the formation of planar,
faceted features on the fracture surface. In the present study, quantitative tilt fractography,
electron backscatter diﬀraction (EBSD), and the focused ion beam (FIB) have been used to
provide a direct link between facet topography and the underlying microstructure, including the
crystallographic orientation. In contrast to previous studies, which have focused mainly on the
a-phase crystal orientation and the spatial orientation of the facets, the present analysis con-
centrates on the features that lie in the plane of the facet and how they relate to the underlying
constituent phases and their crystallographic orientations. In addition, due to the anisotropic
deformation behavior of the three basal slip systems, the orientation of the b phase as it relates
to facet crystallography was investigated for the ﬁrst time. The implication of the b-phase
orientation on fatigue crack initiation was discussed in terms of its eﬀect on slip behavior in
lamellar microstructures. The eﬀect of the local crystallographic orientation on fatigue crack
initiation was also investigated by studying cracks that initiated naturally in the earliest stages of
growth, which were revealed by FIB milling. The results indicate that boundaries that are
crystallographically suited for slip transfer tend to initiate fatigue cracks. Several observations
on the eﬀect of the crystallographic orientation on the propagation of long fatigue cracks were
also reported.
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I. INTRODUCTION
THE union of electron backscatter diﬀraction
(EBSD) and quantitative tilt fractography[1–3] has pro-
vided an eﬃcient method for relating crystallographic
information obtained directly from a fracture surface
(or a polished face that intersects it) to the spatial orienta-
tion of features on it. The direct method, in which EBSD
patterns are collected directly from the as-fractured
surface without additional preparation, has been
reported to have an accuracy between 1[3] and 3 deg[4]
when the spatial information and crystallographic
information are obtained in the same microscope session
without rotating the stage. This method is limited,
however, by the necessity for a relatively ﬂat fractured
surface that was not accompanied by substantial plas-
ticity during fracture. Thus, this method is often used to
study cleavage facets[5] in steels or fatigue facets[2,3,6–8] in
titanium alloys. The formation of facets in titanium
alloys is of particular interest, because the crack
initiation stage has a dominant contribution to total
life during high-cycle fatigue loading. In addition, crack
initiation during tests that include a dwell period is
paramount to explaining the substantial reduction in life
that accompanies this type of fatigue failure.[9] Previous
studies have identiﬁed these facets as being parallel or
nearly parallel to the basal plane.[2,3,6–8,10,11] The ‘‘near-
basal’’ orientations can be accounted for by the presence
of steps, which are similar to river markings, on the facet
surface.[12] A complete description of facets, however,
also requires reporting the spatial orientation of the
facet in addition to the crystallographic plane of
fracture.[2,3] For example, dwell facets are most fre-
quently oriented nearly perpendicular to the applied
loading direction in an orientation that has low resolved
shear stress on the basal plane, but high resolved normal
stress. In contrast, facets formed during continuous
cycling often form in grains the basal planes of which
are more highly inclined to the loading direction.[12–14]
While these experimental works have identiﬁed the role
of the a-phase crystallographic orientation in crack
initiation in titanium alloys, the b-phase orientation has
not been given any attention despite its signiﬁcant eﬀect
on the mechanical behavior of materials containing
lamellar constituents.[15–19]
In the present study, we extend the analysis of facet
crystallography by introducing a method to determine
the b-phase orientation. In addition to identifying the
spatial and crystallographic orientation of the fracture
facets, this study also focuses on the microscopic
features that lie in the plane of the facets and how
they relate to the underlying microstructural constitu-
ents. The results provide additional insight into the
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micromechanisms associated with crack initiation and
the early stages of faceted growth[12] in fully lamellar
microstructures.
II. BACKGROUND
The majority of the following work relies on express-
ing the features on a fracture surface as points in a
Cartesian coordinate system. This can be accomplished
quickly and eﬃciently using quantitative tilt fractogra-
phy. The technique has been described in detail in the
literature,[1,3,20] but it is covered brieﬂy in this section
due to its extensive use in the present study. This is
followed by a brief summary of the important aspects
of the Burgers orientation relationship related to this
work.
A. Quantitative Tilt Fractography
In the method described by Sinha et al.,[2,3] high-
resolution secondary electron images of the same area
are acquired at two diﬀerent stage tilt angles using the
same magniﬁcation. A common origin and three fea-
tures (A, B, and C) that are recognizable in both images
are identiﬁed. Next, the (x,y) coordinate of each feature
with respect to the origin is determined and, using the
geometrical relationships derived by Themelis et al.,[20]
the (x,y) coordinate of each feature can be translated
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coordinates of the feature i at tilt angles of h1 and h2,
respectively. Mapping two points from the fracture
surface into the sample reference frame allows a vector
to be constructed. For example, the vector connecting
points A and B is determined by
AB ¼ XB  XA i þ YB  YA j þ ZB  ZA k ½4
Mapping a third point, C, into the sample reference al-
lows a second vector BC to be deﬁned and, thus, a
plane can be deﬁned. It is usually convenient to deﬁne
the plane by its normal vector n^:
n^ ¼ AB BC ½5
Any reference frame can be chosen as long as it is
clearly deﬁned and is self-consistent with the EBSD
reference frame. In this study, the sample reference
frame is related to the images taken in the micro-
scopes, as shown in Figure 1. At 0 deg of stage tilt,
the X-axis points up, the Y-axis points to the left, and
the Z-axis points out of the plane of the image, which
creates a right-handed orthonormal reference frame. In
our experiments, the microscope stage tilts about the
Y-axis. This reference frame is equivalent to the one
utilized by the EBSD acquisition system in the micro-
scope, which is deﬁned by the RD-TD-ND coordinate
system. After EBSD data have been collected, inverse
pole ﬁgures are used to link the crystallographic orien-
tation and spatial orientation. Inverse pole ﬁgures
identify the {hkil} perpendicular to a particular direc-
tion (vector) in the sample reference frame. However,









where a and c are the lattice parameters of the alloy.
B. Burgers Orientation Relationship and Parallelism of
Slip Systems
Burgers[21] identiﬁed the orientation relationship for
the solid-state bcc (b) to hcp (a) phase transformation as





of the orientation relationship viewed from [0001]a is
shown in Figure 2. Because the hai directions in the
basal plane are 60 deg apart and the 111h ib directions in
a given {110}b plane are 70.5 deg apart, only one
(0001) 2110
 
slip system can be exactly parallel to a
{110} 111h ib-phase slip system. This is referred to as the
ha1i slip system in the literature[17–19,22] and it lies
~14.4 deg from the macroscopic a/b interface. The
Burgers vectors on the other 111h ib-phase slip system
is rotated approximately 10.5 deg from its nearest
a-phase slip system (ha2i) and the third basal slip system
(ha3i) has no closely oriented {110} 111h ib-phase slip
system. Although both phases have unique crystal
structures and must deform independently, the parallel-
ism of slip systems permits dislocations gliding on any of
the three basal slip systems to pass through a/b
interfaces. The dislocation reactions necessary for slip
transfer across the interface have been studied with
transmission electron microscopy (TEM) and were
reported by Suri et al.[17] and Savage et al.[18,23,24] The
diﬀerence in the required dislocation reactions for slip
transfer among each basal slip system gives rise to
Fig. 1—Schematic representation of the sample reference frame used
in this investigation.
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unique yield stresses and work-hardening rates. Single-
colony tension tests conducted on a near-a titanium
alloy[18,23,24] have shown that the critical resolved shear
stress (CRSS) and yield stress for basal slip increases in
the order ha1i, ha2i, and ha3i.
During the allotropic b ﬁ a transformation, 12
distinct a variants can be inherited from a single parent
b-grain orientation; however, due to symmetry, only 5
unique misorientations exist among any 2 adjacent
colonies.[25] One unique pair of variants shares a
common basal plane but has diﬀerent 111h i directions
within that plane to satisfy the orientation relationship.
While crystal symmetry dictates that this is only a
10.5-deg misorientation about [0001], the orientation
relationship dictates that the lowest-energy interfaces, or
broad faces,[22,26] will have angles on the order of
approximately 80 deg between them.[26,27] Coincidence
of the basal planes among two colonies does not
necessarily ensure that the local slip length will be
increased. Slip in each colony is a separate event and
dislocation motion in one colony does not guarantee slip
will occur in the second colony. This is due to the
diﬀerence in the spatial orientations of the a/b inter-
faces, which can signiﬁcantly aﬀect the slip behavior of
individual colonies.[15,16] This phenomenon has been
addressed theoretically for single colonies by Chan[19]
and experimentally by Pilchak[14] for fully lamellar
Ti-6Al-4V under cyclic fatigue loading. This special
combination of variants is important, however, because it
is commonly observed at the catastrophic fatigue crack
initiation sites of investment-cast Ti-6Al-4V.[12–14,28,29]
As discussed later, this is related to the decreased small
crack growth resistance for this speciﬁc pair of variants
compared to the other high-angle boundaries.
III. EXPERIMENTAL PROCEDURES
A. Materials
The specimens analyzed in the present work were part
of a study on the eﬀect of yttrium (Y) on the high-cycle
fatigue behavior of investment-cast and hot isostatically
pressed Ti-6Al-4V.[30] The material was manufactured
by doping a commercial Ti-6Al-4V melt with 200-ppm
high-purity elemental Y. A cylindrical ingot was invest-
ment cast from the Y-doped melt. During cooling, the Y
combined with oxygen and sulfur during cooling and
precipitated as a submicron-sized oxysulﬁde particle.
The particles had no eﬀect on the microstructure of the
alloy, which was typical of investment-cast Ti-6Al-4V
consisting of coarse, fully lamellar a+ b colonies that
were contained within prior b grains that reached
greater than 1 mm in diameter. In addition to 200-ppm
Y, the alloy contained 6.34Al, 4.08V, 0.24Fe, and 0.19O
by weight percent. In the study, ﬁve fatigue tests
were performed by an independent laboratory at a max-
imum stress of 550 MPa with a load ratio (rmin/rmax)
of 0.1 at a frequency of 50 Hz on the cast material.
The fatigue specimens had smooth surfaces and were
prepared by mechanical polishing in a self-consistent
manner and tested according to ASTM E466 by an
independent laboratory. Four of the specimens exhib-
ited near-surface crack initiation, meaning that some
portion of the ﬁrst grain to crack bordered the free
surface of the sample, while the longest-life specimen
initiated on a completely subsurface facet. The term
‘‘near-surface’’ is used because, as shown later, the slip
direction did not intersect the surface of the sample, so
initiation was not caused by the classical slip band
intrusion/extrusion mechanism.[31] It is noted that the
near-surface initiation is not believed to be caused by
residual stresses induced during sample preparation,
driving initiation away from the surface. In fact, slightly
subsurface initiation at a-grain or a-colony boundaries
has been observed during four-point bending fatigue
testing despite the stress being somewhat reduced below
the surface.[13,14] If fatigue crack initiation were to occur
by this mechanism in titanium alloys, it would be
expected in the coarse, fully lamellar condition of the
present study, especially with the high O content, which
tends to deform by highly planar slip.[14] Excluding the
subsurface initiation site, which was not representative
of the other fractures, there was a fairly wide scatter
band among the remaining four samples extending from
~700,000 cycles to 4.3 million cycles. Careful fracto-
graphic investigation showed that the ﬁne-scale particles
were not involved in the crack initiation process and
concluded that the scatter in fatigue life must be
attributed to another source. Bache et al.[10] have shown
that the orientation of the grain in which the fatal crack
initiates can be a dominant factor governing fatigue life.
However, a preliminary investigation of the facet
angles[30] and a-phase orientation of the grains at the
fatigue crack initiation site did not provide any clear
indication as to the reason for the observed scatter
among the remaining four specimens. In the study,[30] it
was determined that all of the initiation facets were
inclined between 40 and 45 deg to the loading axis and
were coincident with the basal plane by using the EBSD/
direct-method tilt fractography technique described
earlier. In this investigation, the fatigue crack initiation
sites of the shortest life (specimen 1, failed after 736,498
cycles) and the longest life (specimen 2, failed after
Fig. 2—Schematic representation of one of the 12 variants of the
Burgers orientation relationship showing the relationship among the
important slip directions in each phase. The (0001)a and (110)b
planes are parallel to the plane of the page, while the macroscopic
a/b interface (lattice-invariant line) is located approximately 14.4 deg
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4,345,220 cycles) specimens, excluding the subsurface
initiation site, were examined in substantial detail to
document the factors that could contribute to scatter in
fatigue life.
B. Fractography and Focused Ion Beam Methods
The as-fractured specimens were coated in an acrylic
lacquer (MICCROSTOP*) to protect the fracture sur-
face and were sectioned perpendicular to the uniaxial
loading direction with a wire electrical discharge
machine. Following sectioning, the lacquer was removed
by ultrasonically cleaning in acetone and ﬁnally in
isopropyl alcohol followed by drying with a compressed
air stream. The specimens were examined optically and
then in a scanning electron microscope (SEM) to locate
the fatigue crack initiation sites. The initiation sites were
prepared for EBSD analysis with a FEI NOVA 600
NanoLab (FEI and NOVA**) equipped with a
Sidewinder ion column capable of ion milling at low
accelerating voltages. The samples were oriented such
that the facet plane of interest was nearly parallel with
the ion beam direction in order to minimize the amount
of material that needed to be removed to reveal the
underlying microstructure. Initial milling to remove the
majority of material was performed at an accelerating
voltage of 30 kV and a current of 21 nA to expose a ﬂat
surface. Subsequently, a lower-energy 5-kV/1.5-nA mill-
ing was performed at a 5-deg incidence to the rough cut
surface in order to reduce the amorphous damage
layer[32–34] induced by the 30-kV milling step and
improve EBSD pattern quality.
C. Scanning Electron Microscopy/EBSD
After focused ion beam (FIB) milling, each specimen
was put in an SEM equipped with a ﬁeld emission
source and a commercially available EBSD system. The
SEM was operated at 20 kV with a beam current of
approximately 2.39 nA. The FIB-milled surface was
oriented at the EBSD detector in the chamber such that
the incident electron beam approached at an angle of
20 deg. This implies that the stage tilt was not 70 deg,
which is the conventional choice for EBSD experiments.
As a result, it was necessary to modify the settings in the
EBSD acquisition software to reﬂect the true stage tilt in
order to properly index the crystallographic orientations
relative to the sample reference frame shown in
Figure 1. Depending on the length scale of the constit-
uents at the site under investigation, beam control scans
were performed with step sizes of 1, 0.35, or 0.1 lm.
IV. RESULTS AND DISCUSSION
A. Fatigue Crack Initiation Site of Specimen 1
The crack initiation site of the shortest-life specimen
is shown at increasing levels of magniﬁcation in
Figures 3(a) through (c). The ﬁrst grain to crack could
be easily identiﬁed in the cast material because there was
typically one facet that was most prominent and had a
microscopically smoother surface than the surrounding
facets. The widest dimension of this particular initiation
facet was approximately 310 lm. Closer inspection of
the ﬁrst facet to form, Figure 3(c), revealed that there
were two sets of distinct linear features present on the
facet surface. The ﬁrst set, designated by (1), is consis-
tent with the ‘‘steps’’ described by Beachem and
Pelloux.[35] Wojcik et al.[15] observed similar linear
features on the fatigue fracture surfaces of single-colony
specimens of Ti-811. The steps run back to one edge of
the facet that is microscopically smooth compared to
other parts on the facet, which identiﬁes this as the crack
initiation site. The second set of linear features, denoted
by (2) in Figure 3(c), corresponds to the a/b interfaces.
There is a distinct change in fracture topography
associated with fracture of the b phase. This is evident
in Figure 4, which shows a fatigue facet and the adjacent
microstructure from a four-point-bend fatigue specimen
with a metallographically prepared surface. There is
one-to-one correspondence between the b ribs in the
microstructure and on the fracture surface, two of which
are designated by the letter ‘‘A’’ in Figure 4. In addition,
other features from the microstructure are visible on the
facet surface. For example, the edge of single-a lamellae
is marked by the letter ‘‘B’’ and a similar feature is also
evident on the fracture surface. Finely spaced basal slip
bands that run parallel to the facet plane are also
evident.
The increased surface roughness associated with
fracture of the b ribs prohibited determination of its
orientation by direct methods. The fracture surface was
not as smooth and planar as the a phase and, as a result,
it was not possible to get a coherent beam into the lattice
beneath the fracture surface that could elastically scatter
and subsequently generate EBSD patterns from the b
phase. Consequently, it was necessary to use the FIB to
remove a small volume of material from the edge of the
facet in order to expose the microstructure directly
beneath it (Figure 5). The EBSD line scans were
performed across the FIB-milled surface to obtain both
the a- and b-phase orientations. The appropriate poles
have been plotted on equal-angle projections in Figure 6
to explicitly show how the Burgers orientation relation-
ship was satisﬁed by these measured orientations. Based
on the positions of the basal pole and the ha1i, ha2i, and
ha3i directions relative to the loading direction, the
Schmid factors were determined to be 0.49, 0.28, and
*MICCROSTOP is a trademark of MICCRO Products, Tolber
Chemical Division, Hope, AR.
**FEI and NOVA are trademarks of FEI Company, Hillsboro, OR.
Sidewinder is a trademark of FEI Company, Hillsboro, OR
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0.22, respectively. In order to correlate the measured
a- and b-phase orientations with the features on the
fracture surface, quantitative tilt fractography has been
used to deﬁne several vectors on the fracture surface,
which are shown in Figure 5. The approach used here is
diﬀerent from previous approaches using quantitative
Fig. 3—(a) through (d) Secondary electron images of the fatigue crack initiation site in specimen 1. White letters in (a) and (b) show locations of
higher-magniﬁcation images in (c) and (d). The linear features parallel to (1) in (c) are steps, while the linear features parallel to (2) correspond
to the a/b interfaces. Image (d) shows the increased surface roughness on facets away from the initiation sites.
Fig. 4—Fatigue facet and adjacent microstructure on polished surface of a four-point-bend fatigue specimen. Features evident on both polished
and facet surfaces have been marked with letters A and B.
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tilt fractography[1–3,8] in that vectors have been strate-
gically placed to coincide with distinctive linear features
that lie within the plane of the facet. The results of the
tilt fractography calculations are shown in Table I. The
cross product of vectors ab and bc yields the facet
normal, F, which made an angle of 45.4 deg with the
loading direction. The vector parallel to the trace of
the b phase on the fracture surface is designated by the
dashed line b, while three vectors that are parallel to the
steps on the facet surface are given by CG1, CG2, and
CG3. The plane of fracture was determined by plotting
Fig. 5—Crack initiation site shown at tilt angles of 0 and 14 deg after corner has been removed with FIB. Features used for tilt fractography
calculations are identiﬁed as follows: O is the origin, abc identiﬁes the plane of the facet, b is the trace of fractured b lamellae in the plane of the
facet, and CG1,2,3 are traces of the steps in plane of the facet.
Fig. 6—Equal-angle projections in which basal and 110 poles (left)
and 1120 and 111 poles (right) have been superimposed to identify
spatial orientation of ha1i, ha2i, and ha3i in sample reference frame.
Lines on pole ﬁgures demarcate 15-deg intervals.
Table I. Results from Quantitative Tilt Fractography
Measurements Corresponding to Features Identiﬁed in Figure 5
Feature Unit Vector Describing Feature
Macroscopic fracture
plane normal
ab 9 bc = F = 0.4861i  0.5205j
+0.7020k
Trace of step CG1 = 0.5715i  0.4719j  0.7152k
Trace of step CG2 = 0.5436i  0.4282j  0.7219k
Trace of step CG3 = 0.5242i  0.4996j  0.6896k
Trace of b rib
in facet plane
b = 0.6969i  0.3514j  0.6252k
Fig. 7—Equal-angle inverse pole ﬁgure corrected for facet normal, F,
revealing that plane of fracture of specimen 1 is coincident with
basal plane within the error associated with the measurement
technique.
Fig. 8—Equal-angle inverse pole ﬁgures depicting orientation of b
phase relative to (a) facet normal and (b) vector CG1.
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an inverse pole ﬁgure relative to F, as shown in Figure 7.
In this plot, all of the discrete a orientations measured
from the FIB-milled surface are shown to reveal the
typical angular spread encountered for these measure-
ments. In this sample, the fracture plane was less than
3 deg from the basal plane, which is within the exper-
imental error of the technique. A similar analysis was
performed on the b-phase orientation that was mea-
sured with EBSD and it was found that the macroscopic
plane of fracture corresponded to {110} (Figure 8).
With regard to the steps in the plane of the facet, the
a-phase orientation was plotted relative to the three CG
vectors in Figure 9. All three were within ~5 deg from
the normal to the 2110
 
plane, which is equivalent to
saying that all three are within ~5 deg from the 2110
 
direction, according to Eq. [6]. This was further veriﬁed
by analyzing the relation between the b-phase orienta-
tion and the long axis of the steps on the facet surface
(Figure 8). Because the use of an inverse pole ﬁgure
reduces the measured orientation into the unit triangle,
this analysis does not make explicit which 2110
 
direction is parallel to the steps, i.e., ha1i, ha2i, or ha3i.
There are, however, two methods by which this can be
determined. In the ﬁrst, the trace of the steps can be
taken from an image acquired at 0-deg tilt and super-
imposed onto the pole ﬁgures depicting the a- and
b-phase orientations (blue line in Figure 6). The trace of
the step will intersect the hai direction that is parallel to
it. In the second method, for a more rigorous analysis,
the crystallographic and morphological relationships
imposed by the Burgers orientation relationship can be
used to make the identiﬁcation. This method also serves
as a way to perform a self-consistent check between the
vectors determined with tilt fractography and the
crystallographic orientations measured with EBSD.
The macroscopic a/b interface, also known as the
lattice-invariant line, is parallel to the 335h ib direction
that is nearest to the ha1i direction.[17,22,26,36] Thus, the
trace of the b rib on the facet surface should be located
~14.4 deg from the ha1i direction (Figure 2). Although
the exact angle is dependent on the precise c/a ratio,[36]
the diﬀerence is small compared to the resolution of the
tilt fractography/EBSD technique. The ha1i direction
measured by EBSD was transformed to a unit vector in
the sample reference frame and compared to the CG
vectors determined from tilt fractography. The angles
between ha1i and CG1, CG2, and CG3 were determined to
be 13.6, 11.7, and 13.8 deg, respectively, which is in
agreement with the theoretical angle of 14.4 deg within
the tolerance of the tilt fractography/EBSD technique.
B. Fatigue Crack Initiation in Specimen 2
The planar facet at the crack initiation site of the
longer-life specimen also had a normal that was 45 deg
relative to the primary loading axis, and so its orienta-
tion could not be used to account for the diﬀerence in
fatigue life relative to specimen 1. The total facet length
was approximately 40 pct less than that of specimen 1,
with its largest dimension measuring 180 lm. Eylon[28]
has shown that larger initiation sites generally corre-
spond to shorter total fatigue life in investment-cast and
hot isostatically pressed Ti-6Al-4V, which can account
for a part of the longer fatigue life of this specimen.
Compared to specimen 1, a larger portion the initiation
site of specimen 2 was removed by FIB milling in order
to investigate a larger area of the microstructure beneath
the fracture surface (Figure 10). The area was imaged
with secondary electrons at two diﬀerent tilt angles in
order to facilitate the tilt fractography calculations,
while the microstructure was imaged with backscattered
electrons at 1-deg tilt. The backscattered electron
image revealed that there were multiple colonies present
directly beneath the fracture surface. The facet plane
remains constant across many of these colonies; how-
ever, two of the colonies cause discontinuities where
they intersect the facet plane.
The underlying microstructure was further investi-
gated by EBSD to determine the crystallographic
orientation of the primary facet and the surrounding
microstructure. The EBSD data have been colored with
respect to the loading direction according to the unit
triangle in Figure 11. In addition, the orientations have
been expressed as Bunge Euler angles,[37] in which the
hcp unit cell has been attached to the sample reference
frame using Nye’s convention.[38] In this ﬁgure, each
unique variant of the Burgers orientation relationship is
labeled by an integer. Thus, it is possible for two
colonies that are not touching to be the same number.
The colonies in the orientation designated by the
number 4 in Figure 11 contain both pink and purple
hues in the EBSD map. This was caused by an error
during the automated indexing of the EBSD patterns,
however; only the pink orientation maintains the proper
Burgers-related a-phase misorientations with all of the
adjacent colonies and thus must be the orientation for
this particular colony. There are several notable rela-
tionships among these colonies. For example, colonies 1
and 2 share a common basal plane but are rotated
10.5 deg about [0001] relative to one another. Colonies
3, 4, and 6 all have basal planes that are approximately
60 deg away from that of colony 1 and 2; however, these
rotations are about diﬀerent axes. Colony 5, on the
other hand, had its basal plane at 90 deg to colonies 1
and 2. The orientations are shown in the unit triangle
with respect to the loading and facet-normal directions
in Figure 11. From the latter, it was identiﬁed that the
fracture plane was parallel to the basal plane in colonies
1 and 2, was within approximately 10 deg from the
1010
 
plane in colony 5, and was near a 1011
 
plane
Fig. 9—Equal-angle inverse pole ﬁgure showing orientation of a
phase relative to long axis of steps designated by CG1, CG2, and
CG3 in Fig. 5.
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in colonies 3 and 4. The discontinuities in the facet plane
occurred where it was intersected by colonies 4 and 6,
which did not share a common basal plane with colonies
1 and 2. The process by which these colonies fractured
appeared to be a ductile tearing mechanism that
occurred after faceted growth in colonies 1 and 2 left
small ligaments of colony 3 and 4 connecting to two
halves of the fracture surface. A similar mechanism, in
which cracks grow faster through grains in some
orientations than in others, has been shown to occur
at longer crack lengths in Ti-6Al-4V by Bowen.[39]
The b-phase orientation was not resolved with any
conﬁdence at the level of resolution at which the EBSD
scan was performed; however, there were more than
enough unique a variants present to calculate the
b-phase orientation by assuming the Burgers orientation
relationship was held during the b ﬁ a transformation.
The parent b orientation, calculated using the method of
Glavicic et al.,[40,41] is shown in Figure 12. Based on the
knowledge of the calculated b orientation, the fracture
plane was veriﬁed as being coincident with {110}. The
traces of the steps on the facet surface were found to be
parallel to the ha2i direction as opposed to the ha1i
direction observed in the shorter-life specimen 1. In the
case of specimen 2, it was possible to make this
determination using a three-dimensional approach as
opposed to the ‘‘in-plane only’’ measurements from
specimen 1, which only considered the lattice-invariant
line and not the true b-platelet normal. It was assumed
that the b phase could be represented as a two-
dimensional platelet deﬁned by its traces on the facet
surface and the FIB-milled surface, which were deter-
mined with quantitative tilt fractography. The angle
between the b-platelet normal and the approaching
a-phase slip system, bb by Chan’s deﬁnition,
[16,19]
was determined to be 18 deg for specimen 2. This is in
good agreement with the theoretical value of 15 deg for
ha2i slip, which is also said to be the most diﬃcult of the
basal slip systems to activate.[19]
It is interesting to note that the b-phase orientation in
specimen 2 is similar to that in specimen 1; a simple
rotation of ~70 deg about the direction normal to the
plane of the projections in Figure 6 brings the 110 and
111 poles nearly coincident with those in Figure 12. This
rotation is arbitrary because the grains are only con-
cerned with one direction in an axial test. Thus, the
orientation of the b phase in the ﬁrst grain to crack was
essentially the same in both samples. The orientation
with respect to axial loading is such that there is
substantial resolved shear stress on 8 of the 12
Fig. 10—Faceted initiation site of specimen 2 with upper half removed by FIB milling to reveal underlying microstructure. Points labeled on
images were used for tilt fractography calculations.
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{110} 111h i slip systems, implying there is a high
probability for basal slip within this colony. The slip
system or slip systems that will operate during loading
depend on a crystallographic and geometric criterion
that has been described by Chan.[19] In his analysis,
Chan has shown that the angle between the b-platelet
normal and the incident a-phase slip direction strongly
inﬂuences the activation of slip systems in single
colonies. However, during cyclic loading, when the
applied stresses are well below the macroscopic yield
point, unlike those single colonies studied by Chan
et al.[16] and Chan,[19] and the slip systems are repeatedly
stressed which may cause deviation from the uniaxial
tension through yielding model. Moreover, Chan’s
analysis is meant to explain a failure of Schmid’s law
for titanium alloys with lamellar microstructures. How-
ever, in this case, the steps on the facet surface were
parallel to the slip system with the highest Schmid
factor, suggesting these were the operative slip systems.
These results are consistent with those of Bridier et al.[11]
who observed that Schmid’s law is more frequently
obeyed during cyclic loading of Ti-6-4 than during
monotonic loading.
1. Effect of local crystallographic orientation
on fatigue crack initiation
Three small cracks that were revealed by FIB milling
are identiﬁed in the backscattered electron images in
Figure 10. Because it is not possible to detect and arrest
such small cracks using potential drop methods or
compliance methods, the FIB milling technique has
provided a unique opportunity to study naturally
occurring fatigue cracks at their smallest scale without
being plagued by the question of how the plane-stress
condition at free surfaces aﬀects crack initiation when
observing crack formation in polished specimens.[11,13,42]
Cracks 1, 2, and 3 formed within colonies given by the
orientations 5, 8, and 7, respectively, in Figure 11. Trace
analysis and correlation with EBSD data showed that all
of the cracks revealed by FIB milling were parallel to the
basal plane in their respective colonies. The available
basal slip length in the colonies containing each of these
Fig. 11—EBSD and image-quality map of microstructure revealed by FIB milling. Average orientations of several of the unique variants of Bur-
gers orientation relationship relevant to the present discussion are expressed as Euler angles as well as on equal-area inverse pole ﬁgures. Trace
of the basal plane in colony 5 is marked at several locations by dotted lines. (See text for additional details.).
Fig. 12—b-phase orientation calculated from the inherited a variants
shown in Fig. 11. The loading direction is normal to the plane of the
projection.
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cracks was signiﬁcantly less than that of the primary
facet. While each crack formed within a colony of a
diﬀerent orientation, they all shared some similarities.
For example, the colonies containing cracks 1 and 3
both had basal poles that made an angle of 46 deg to the
primary loading direction, which is consistent with the
angles made by the primary crack initiation sites that
eventually propagated to failure. On the other hand, the
basal pole in the colony containing crack 2 made an
angle of 31 deg with the primary loading direction. This
is consistent with previous work that showed the faceted
initiation sites in continuous cyclically loaded titanium
alloys typically have their basal poles inclined 25 to
45 deg to the loading axis,[11–14] which results in a
combination of shear and normal stresses resolved on
the basal plane. Specimens with large slip lengths tended
to favor orientations with higher resolved shear stress,
i.e., where the facet angles are closer to 45 deg, while
ﬁner structures tend toward the 25- to 35-deg range. The
shear stress is required for dislocations to glide on the
basal plane, while the resolved normal stress is the mode
I opening component required to cause decohesion of
the slip band.[43] Therefore, a ﬁrst attempt at identifying
colonies that are crystallographically suited for fatigue
crack initiation can be made based on a fairly simple
criterion: locating those colonies that have both high
resolved shear stress and high resolved normal stress on
the basal plane. The relative amount of normal force
resolved on the basal plane can be reduced to a scalar
parameter by taking the absolute value of the dot
product between a unit vector, bn, parallel to [0001] and
a unit vector, k, parallel to the loading direction. The
amount of shear stress resolved on the basal plane is
proportional to the Schmid factor. Thus, the initial
search for colonies in an orientation favorable for
initiation can be made with Eq. [7]:
N ¼ bnkj jmmax ½7
bnkj j varies between 0 and 1 for a grain that has its basal
pole perpendicular and parallel to the loading direction,
respectively, while mmax varies between 0 and 0.5 when
the basal pole is parallel and 45 deg relative to the
loading direction, respectively. Thus, higher values of N
correspond to grains that have the required combination
of forces resolved on the basal plane that have been
found to promote crack formation. While it is recog-
nized that the grain-level stress state is actually orien-
tation dependent and does not necessarily match the
applied ‘‘uniaxial’’ stress state,[44] a simpliﬁed analysis of
this nature can be used as a ﬁrst approximation.
Imposing this criterion on the orientations presented
in Figure 11 identiﬁed all of the colonies that formed
cracks, namely 1, 2, 5, 7, and 8. These colonies all had
values of N between 0.32 and 0.36, while those that did
not form cracks were generally less than 0.05. However,
this criterion also identiﬁed colonies in orientation 4
(this is related by 10.5 deg about [0001] to orientation 8,
in which cracks were observed) and, furthermore, does
not provide any indication of where in the microstruc-
ture the cracks will form. In this regard, the crack in
colony 5 was of interest because it was bordered by a
single lath of a diﬀerent orientation on the bottom, as
shown in Figure 13. While not an absolute certainty,
logic dictates that because the crack borders this lath, as
opposed to any of the other possibilities, it was
inﬂuential to the crack initiation process. On the other
side of colony 5, the crack propagated through the b
phase and into colony 6, then turned sharply and
propagated parallel to the a/b interface in colony 6 and
was apparently arrested. The crystallographic orienta-
tions of the colonies surrounding this crack were
investigated in detail and are discussed in this section
and brieﬂy compared to the two others revealed by FIB
milling.
Inspection of Figure 11 reveals that there are ﬁve
unique colony orientations that could border a basal slip
Fig. 13—(a) Backscattered electron image and (b) inverse pole ﬁgure colored EBSD map of microstructure surrounding submerged crack.
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band in colony 5. However, there are six possible
combinations of nearest neighbors for a basal slip band
in colony 5, the traces of which are designated by dashed
lines and labeled A, B, C, E, and F in Figure 11. The
crack formed at the sixth possibility, designated D,
which appears black in this image because of the
grayscale image quality[45] map that was overlaid onto
the colored orientation map. Image quality is a measure
of EBSD pattern quality, which is extremely poor when
the electron beam is incident on the crack. The
orientations of the colonies are shown on the 0001,
1010; 1120; and 1011 pole ﬁgures in Figure 14. This
ﬁgure clearly identiﬁes the coincidence of both similar
and dissimilar {hkil} slip planes among adjacent
Burgers-related colonies. The former is evident by
overlapping points in the same pole ﬁgure, while the
latter is observed by superimposing the 0001 and 1011
pole ﬁgures, for example. These coincidences are impor-
tant because observations of a-colony boundaries in the
SEM revealed that a/a boundaries are often formed
where laths meet and there is not necessarily retained b
phase between them. Thus, it is possible for slip to
transfer to occur directly across a-colony boundaries
without the need for transmission through the b phase.
In order to quantitatively assess the coincidence of
slip planes in adjacent Burgers-related a colonies, the
parameter proposed by Luster and Morris[46] has been
used. In this analysis, the alignment of slip systems is
reduced to a scalar parameter m¢ by taking the product
of the cosine of the angle w between the slip plane
normal in each colony and the cosine of the angle j
between the Burgers vectors:
m0 ¼ cos w cos j ½8
Thus, m¢ is nondirectional and, as the angle between the
slip plane normals approaches zero and as the angle
between the slip directions approaches 0, m¢ approaches 1.
This is indicative of a boundary that is crystallograph-
ically suited for slip transfer. Of course, there are
morphological dependences as well,[47–51] such as the
grain boundary inclination with respect to the loading
axis, but m¢ does not account for them. A total of 18 slip
systems were considered in each colony: 3 basal, 3 prism,
and 12 ﬁrst-order pyramidal slip systems. In general, at
room temperature, the CRSS for the prism slip system is
the smallest, followed closely by the basal slip. Pyrami-
dal hc+ ai slip has between 2 and 5 times higher
CRSS[52,53] and, thus, is not readily activated at the
relatively low stresses imposed during high-cycle fatigue
loading.[11] For the present analysis, the orientation of
colony 5 was considered as the reference and m¢ was
calculated for all 18 slip systems in each of the 5 unique
orientations bordering it. Of the 1620 sampled slip-
system combinations, only 44 (2.72 pct) had m¢> 0.90,
while 104 (6.42 pct) had m¢> 0.75. These numbers
reduce further to 1.60 and 5.31 pct, respectively, if the
18 nearly coincident slip systems in colony 7 are not
considered in the calculation. Recall that colonies 5 and
7 are related by 10.5 deg about [0001] and, because the
cosine of 10.5 deg is 0.983, all 18 slip systems will have
m¢ between 0.96 and 0.98. As shown in Table II, which
summarizes all slip systems with m¢> 0.90, there were
only two that had m¢ = 1.0.
2. Phenomenological model for high cycle fatigue crack
initiation
The near coincidence between the basal (0001)ha2i in





in colony 4 is of particular
interest, because this is the boundary at which the crack
initiated. This is especially true, because grains with
parallel basal and ﬁrst-order pyramidal planes were
recently observed at the crack initiation site of a Ti-6Al-
4V sample with a bimodal microstructure.[13] For the
simple case of perfect alignment between the slip
systems, in order for a dislocation to transfer from the
basal plane across the a/a-colony boundary and onto the
ﬁrst-order pyramidal slip system in an adjacent colony,
a residual boundary dislocation must be formed through
the reaction:
1=3 2110
 þ 1=3 1123  ! 0001½  ½9
If multiple hci dislocations, which are perpendicular to
the basal plane, are created in the grain boundary, it is
possible that a crack could nucleate within the boundary
and propagate back along the basal slip band by faceted
growth.[12] As mentioned by Blackburn and Williams,[54]
the dislocation reaction in Eq. [9] is analogous to
creating a [001] superdislocation in a bcc material. The
formation of such a dislocation has been linked to
Fig. 14—Discrete equal-angle pole ﬁgures showing a-phase orienta-
tions of colony 5 and its neighbors. The 0001 and 1120 poles can be
compared with 110 and 111 poles, respectively, of b phase in Fig. 12
to identify ha1i, ha2i, and ha3i slip directions in each colony. The
loading direction is perpendicular to the plane of the projection.
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cleavage crack formation on the {100} plane perpendic-
ular to its Burgers vector, as discussed by Cottrell[55] and
Suresh.[31] While it is true that faceted growth is distinct
from the cleavage cracking in terms of crack propaga-
tion,[12] it is possible that the actual crack initiation
mechanism is similar. Faceted growth proceeds in a
stable manner cycle by cycle at low applied DK, whereas
cleavage crack growth occurs rapidly and unstably.
The detailed analysis presented above is brieﬂy
compared to the other two submerged cracks revealed
by FIB milling. The second crack was observed to form
within a colony the orientation of which is given by the
number 7 in Figure 11. This colony was bordered by
others with orientations 8 and 9, although the crack
appeared to start on the 7/8 border, was deﬂected at the
7/9 border, and began to propagate parallel to the
colony boundary, similar to the crack previously dis-
cussed in detail. Considering the 7/8 colony boundary, it
is again observed that the ha1i slip system in the colony 7






system in the adjacent colony 8, and both slip systems
had a Schmid factor of 0.48. The angle/axis misorien-
tation associated with this colony boundary is also
60.83 deg/ 1:377 1 2:377 0:359
 
; making this an identi-
cal boundary to that which initiated the crack discussed
previously between colonies 4 and 5. Finally, the third
crack revealed by FIB milling formed in a colony with
an orientation given by number 8 in Figure 11. The
crack had not yet propagated all the way across the
colony and, therefore, it was concluded that initiation
occurred at a boundary with a colony in orientation 6.
The two colonies were related by a 63.26-deg rotation
about a 10 5 5 3
 
axis. Analyzing the coincidence of
slip systems using Eq. [8] revealed that the basal ha1i slip





in colony 6 and, therefore, this was also a boundary
suited for slip transfer from the basal to the ﬁrst-order
pyramidal system.
In summary, this section has analyzed three diﬀerent
cracks that were revealed by FIB milling. The cracks
were not inﬂuenced by sample surface eﬀects, including
any compressive residual stresses that could have been






























































































































































































































































0.96 to ~0.98 all 7 all (see text for details) 10.5 deg/[0001]
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induced during sample preparation or plane-stress
conditions resulting from the free surface. All three
cracks were formed in colonies with unique orientations;
however, some similarities among the colonies were also
observed. In particular, the following were found: (1)
the crack planes were parallel to the trace of the basal
plane in their respective colonies, (2) the relative
amounts of normal and shear stress resolved on the
basal planes were similar, and (3) the cracks formed at
locations in the microstructure at which these basal slip





slip system in an adjacent grain.
C. Observations on Long Fatigue Crack Growth
While the early stages of fatigue crack growth (stage I)
commonly occur along crystallographic planes, stage II
crack growth is generally insensitive to crystallographic
orientation in cubic materials.[31] Thus, the fracture
surface is generally perpendicular to the applied loading
direction in stage II growth in order to maximize the
mode I component acting on the crack tip and increase
its energy release rate. Fatigue striations are among the
most recognizable features formed during stage II
growth. They are produced in a wide range of materials
and can give an indication of the local crack growth rate
as well as the total number of cycles spent during
propagation. In this section, we investigate the crystal-
lography of classical fatigue striations formed during
long fatigue crack growth in investment-cast Ti-6Al-4V.
Due to the large amount of plastic deformation asso-
ciated with the formation of fatigue striations and their
shape, it is not possible to acquire EBSD patterns
directly from the fracture surface. Therefore, the selec-
tive electropolishing technique reported by Chesnutt
and Spurling[56] was used to reveal the microstructure
underlying the fracture surface. Brieﬂy, selected areas of
the fracture surface were coated with an acrylic lacquer,
leaving some parts exposed. The exposed fracture
surface was electropolished using an electrolyte contain-
ing (by volume) 59 pct methanol, 35 pct butanol, and
6 pct perchloric acid at 35 C at 30 V. The electro-
polishing time depended on how much material was to
be removed, but 15 seconds was generally suﬃcient to
remove approximately 3 to 5 lm of material, which
revealed the underlying microstructure. Electropolishing
is the ideal method for preparing EBSD samples,
because mechanically induced surface deformation is
eliminated, resulting in increased EBSD pattern quality.
One area that was analyzed in detail is shown in
Figure 15. In this image, the microstructure was imaged
with backscattered electrons to enhance the atomic
number contrast of the two phases, while the fracture
surface has been imaged with secondary electrons to
enhance surface topography. It can be seen that the b
Fig. 15—Fatigue striations and underlying microstructure that was
revealed by electropolishing.
Fig. 16—As-collected and indexed EBSD pattern obtained from electropolished region in Fig. 15.
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ribs run approximately parallel with the long axis of the
striations; however, this is not suﬃcient to relate the
orientation to the fracture topography. For this pur-
pose, EBSD patterns were acquired from several loca-
tions close to the interface of the fracture surface and the
electropolished area. The large colony size ensured that
the orientation measured near the interface was the
same as that beneath the striations. It is noted that this
method requires careful interpretation when used on
microstructures with shorter length scales. An example
of an EBSD pattern collected from the electropolished
surface is shown in Figure 16. The pattern was acquired
with an acquisition time of 0.03 seconds using a SEM
with a tungsten ﬁlament source, and the pattern was
easily indexed by the automated software. The average
fracture plane normal was determined from an area
covering over 40 striations to be approximately 13 deg
from the loading direction and, with respect to the
a-phase lattice (Figure 17), the plane of fracture was
calculated to be nearly parallel to one of the 1010
 
planes. This suggests that the crack path through the
colony is that which results in the local mode I force
acting on the crack tip resolving equal shear stress on
two prismatic slip systems. This observation is consis-
tent with Bowen’s analysis of the fatigue fracture
surfaces of crack propagation specimens made from
highly textured Ti-6Al-4V plate. Continuous, regularly
spaced striations were formed in specimens in which the
grains were oriented for 1010
 hai-type slip, while crack
growth directions were primarily along the hai direction
not contained in the active prism slip planes. The long
axis of the striations was approximately 15 deg from
[0001]a; however, there was increased scatter for this
measurement due to the inconsistent height and shape of
the fatigue striations. This is evidenced by multiple
points on the inverse pole ﬁgure in Figure 17 that
correspond to measurements made on diﬀerent individ-
ual striations.
Depending on the duration of the electropolishing, a
sharp ledge such as that shown in Figure 18 can be
created between the fracture surface and the underlying
microstructure. This ledge can be relatively quickly
removed by FIB milling to reveal the microstructure
directly beneath the fracture surface. Using this tech-
nique, we have analyzed colonies that have fractured by
striation growth as well as a ductile tearing mechanism.
The microstructure revealed by FIB milling was inves-
tigated with EBSD (Figure 19). One unique b and three
unique a orientations were measured on the FIB-milled
surface and are shown on discrete equal-angle pole
ﬁgures in Figure 20. The colonies with orientations
designated as 2 and 3 contained classical, regularly
spaced fatigue striations. Only a small area of colony 1
was exposed to the FIB-milled surface and the corre-
sponding fracture surface contained faint and discon-
tinuous striation growth. The trace of the long axis of
the fatigue striations were again nearly coincident with
the 0001 poles in each respective colony (not shown),
which is consistent with the site analyzed earlier. The
normal to the fracture plane of colony 2 was 13 deg
from the loading direction, while the normal of colony 3
had a larger angle of 34.5 deg. After accounting for
these orientations, the fracture plane of colony 3 was
found to lie near 1010
 
; while in contrast, fracture
occurred near the 1120
 
plane in colony 2. In both
cases, the normal to the macroscopic plane of fracture
(which is coincident with the local mode I component
acting on the crack tip) resolved equal shear stress on
two of the 1010
 hai slip systems.
A review of the pole ﬁgures (Figure 20) shows that
there is a signiﬁcant rotation of the 1010 and 1120 poles
about the [0001]a axis, especially in colonies 2 and 3.
Based on a substantial number of EBSD observations
by the present authors, orientation gradients of this
nature are not present in the as-cast and hot isostatically
pressed condition. Furthermore, the FIB-milled surface
Fig. 17—Equal-angle inverse pole ﬁgures identifying crystallographic orientation of the colony containing striations shown in Fig. 15 with re-
spect to loading axis, fracture plane normal, and several vectors along the long axes of the striations.
Fig. 18—Fracture surface and underlying microstructure at the inter-
section of two a colonies.
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directly borders the fracture surface and so the exposed
microstructure must be within the cyclic crack tip plastic
zone. Thus, it is probable that the lattice rotations are
the result of strain accommodation within the plastic
zone. To verify this, orientation data were collected
from metallographic sections prepared transverse to the
macroscopic fracture plane of several other specimens.
Lattice rotations about [0001] were consistently
observed in colonies through which cracks advanced
by striation growth. Because dislocations are inherently
simple shears,[57] there is a net lattice rotation each time
dislocation glide occurs. According to crystal plasticity
theory,[57] the fact that the rotations occur about the
[0001] axis is indicative that strain was accommodated
by prismatic hai slip.
As a comparison, colonies oriented with c-axes near
the loading axis fail by a diﬀerent fracture mode and the
fracture topography resembles that observed in mono-
tonic loading. An example illustrating the orientation
dependence of the fracture topography is shown in
Figure 21. The area is shown in the electropolished
condition; however, FIB milling followed by EBSD
analysis similar to that described earlier were performed
in order to collect the orientations shown on the pole
Fig. 19—Backscattered electron micrograph and corresponding orientation map of microstructure beneath fatigue striations shown in Fig. 18.
Fig. 20—Discrete equal-angle pole ﬁgures showing lattice rotations about the [0001] axis in a phase. The 111 poles of b phase also show
evidence of rotation, particularly near the intersection of the ha1i directions in colonies 2 and 3.
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ﬁgures. It is noted that after FIB milling, an additional
colony orientation was revealed that shared a common
basal plane with colony 1, but this colony was subsur-
face and did not directly inﬂuence fracture topography.
The fracture surface of colony 2 is characterized by
extensive striation growth, while that of colony 1 has
dimpled features corresponding to the a phase with
some evidence of cracking along the a/b interface. Based
on the locations of the 0001 and 1120 poles with respect
to the loading direction, it can be deduced that colony 2
is suitably oriented for prismatic hai slip, while colony 1
has a high normal stress on the basal plane and low
resolved shear stress on all hai slip systems. It is also
noted that lattice rotations about [0001] are again
evident within the crack tip plastic zone beneath the
striations in colony 2, but no rotations are present in
colony 1, which did not fail by striation growth.
Bowen[39] has speculated that the crack front grows
continuously through grains oriented for hai slip, while
the other grains are torn as if they were being fractured
during a monotonic tension test in the wake of the crack
front. The fracture topography of colony 1 is consistent
with this in the sense that there are no features that are
clearly associated with cyclic fatigue crack propagation.
V. FURTHER DISCUSSION
The use of fractography to study crack initiation relies
entirely on the ability of the investigator to distinguish
between the initiation and propagation facets. In
general, the facet topography can be used to make this
distinction. With increasing distance from the initiation
site, the facet surfaces become increasingly rough. This
point is evident by comparing the surface roughness of
the propagation facet shown in Figure 3(d) with the
initiation facet shown in Figure 3(b). The former has
extensive surface roughness and there is also evidence of
a/b interface cracking. While this is an extreme example,
more subtle changes can also be observed between the
initiation and propagation facets in Figures 3(b) and (c).
While the crack initiation facets in both specimens
bordered the free surface of the sample, crack initiation
was clearly not due to a classical slip band intrusion/
extrusion mechanism.[31] This was evidenced by the fact
that the hai directions, which were parallel to the steps in
the facet plane, did not intersect the free surface of the
sample. Thus, the active slip system could not have
made a surface intrusion/extrusion. The presence of
steps on facet surfaces is potentially signiﬁcant because
they are most commonly observed on initiation facets as
opposed to propagation facets. For example, similar
markings are not observed on the propagation facet
shown in Figure 4 and they are distinctly diﬀerent than
the markings on the facet in Figure 3(d). Furthermore,
the steps are generally found on facets that are inclined
to the loading axis such that there is substantial resolved
shear stress on at least one of the basal slip systems.
These steps are similar to river markings[32] in that they
are indicative of the local crack propagation direction.
Thus, it is reasonable to assume that the slip direction
parallel to the steps on the facet is the slip system that
was active prior to crack initiation. In specimens 1 and
2, the steps were found to be parallel to the ha1i and ha2i
slip systems, respectively, both of which had the highest
resolved shear stress (highest Schmid factor) among the
three basal slip systems in their host colonies. The debit
in fatigue life for specimen 1 may be related to the fact
that an easy basal slip system was active, as opposed to a
diﬃcult basal slip system being operative in specimen 2.
Other factors, including the local microstructure sur-
rounding the initiation sites and the size of each facet,
are also important to the total fatigue life, although it is
not possible to determine the relative contribution from
each in the present study. It has been shown that single
colonies oriented for deformation by ha2i basal slip
have higher yield strength than those oriented for ha1i
basal slip.[18,23] In general, high-cycle fatigue strength
scales well with macroscopic yield strength in a+ b tita-
nium alloys,[58–60] and perhaps this trend also holds for
the single-colony/single-crystal level as well. The
arrangement of dislocations on the basal slip plane in
colonies oriented for ha2i slip provides insight into the
possible mechanism for delaying fatigue crack initiation.
The TEM observations by Savage et al.[18,23] have
shown that dislocation pileups with ha1i- and ha3i-type
Burgers vectors are present on the entrance and exit
sides of the a/b interfaces of colonies oriented for ha2i
slip. In the case of specimen 2, the ha1i and ha3i basal
slip systems had low resolved shear stress and thus were
not readily mobile. Consequently, the residual interface
dislocations are a barrier to subsequent dislocation motion,
which could delay crack initiation. In contrast, Savage
Fig. 21—Fracture surface and underlying microstructure near a col-
ony boundary as well as orientations determined after FIB milling.
Loading direction is perpendicular to the plane of the projection.
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et al.[18,23,24] did not observe residual interface disloca-
tions near the a/b interfaces in colonies oriented for ha1i
slip and basal slip transferred easily across the colony.
This results in essentially no work hardening and allows
dislocations to glide through the colony and concentrate
more easily at the grain boundary in colonies in
which ha1i slip is active. Experimental observations
have shown that this is where cracks tend to
initiate.[13,14,42,59,60] Of particular interest are the exper-
iments conducted by Baxter et al.[42] The authors
performed four-point-bend fatigue tests on the near-a
alloy IMI 834, which accumulates fatigue damage by
mechanisms similar to the alloy presently studied. The
authors observed fatigue crack initiation at grain
boundaries that were below the surfaces of the samples,
which were presumed to be stress free due to the
electropolishing procedure used to prepare them. In the
current investigation, the fractographic investigations
suggested crack initiation at boundaries and, further-
more, the EBSD analysis described earlier has found
that cracks tend to initiate at boundaries that are
crystallographically suited for slip transfer. Whether or
not these cracks continue to grow after initiation
depends on details of the local microstructure. In
passing, although not directly related to the present
study due to the diﬀerence in crystal symmetries, it is
worth mentioning that microcrack initiation in Ti-Al
alloys has been observed at grain boundaries that are
suited for slip transfer during monotonic loading[48–51]
in Ti-Al alloys. In these studies, a statistically signiﬁcant
number of cracked and intact boundaries were analyzed
using a combination of crystallographic and geometric
criteria to identify those that were prone to microcrack
nucleation. These studies motivated the crystallographic
analysis presented earlier and support the concept of
crack initiation from crystallographic interfaces. It is
noted that the geometric criteria were not employed, due
to the limited number of misorientations possible
between adjacent colonies inherited from the same prior
b grain.
With regard to the small cracks revealed by FIB
milling, the similarity among the a/a colony boundaries
that tended to initiate cracks is striking. All three
submerged cracks revealed by FIB milling were
observed to form on basal planes that were parallel to
a ﬁrst-order pyramidal plane in an adjacent colony. Thus,
a phenomenological mechanism for high-cycle fatigue
crack initiation in Burgers-related colony microstruc-
tures is proposed and outlined in Figure 22. The b ribs
have been omitted from the image to improve clarity
and because they would assume a diﬀerent orientation
depending on which basal slip system was active. At a
relatively low level of applied stress, only the most
suitably oriented slip systems will be activated, with
basal and prism slip systems being preferred due to the
lower CRSS for slip.[53] The levels of applied stress that
produce failures at greater than 106 cycles are generally
insuﬃcient to activate hc+ ai slip and so a dislocation
pileup begins to form at an a/a colony boundary. As
dislocations enter the pileup, the stress at the head of the
pileup increases until it is suﬃcient to transfer a
dislocation through the boundary with its neighbor that




slip system. This results in
the formation of a residual [0001] boundary dislocation.
The pileup and transmission process repeats until a
suﬃcient number of boundary dislocations are formed,
which acts as a crack nucleus. The crack then propa-
gates back along the slip band on the (0001) plane. Small
crack propagation along the basal slip band is preferred
over the pyramidal slip plane due to its higher residual
dislocation content (higher accumulated damage) and
its lower cohesive energy[61] than the adjacent ﬁrst-order
pyramidal system.
It is worth mentioning that multicolony facets have
been observed at the catastrophic initiation sites during
the present study and also in the literature.[12–14,28,29]
There is, however, no experimental evidence in the
Fig. 22—Schematic for phenomenological model for fatigue crack
initiation in Burgers-related colony microstructures: (a) a dislocation
pileup is formed at grain boundary until a suﬃcient stress is reached
to (b) transmit a dislocation through grain boundary, leaving a
residual boundary dislocation with a [0001] Burgers vector. Once a
suﬃcient number of dislocation passes through the boundary, a
crack is formed that propagates back along the slip band on basal
plane.
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present study or in the literature that suggests that
cracks initiate at the colony boundaries of the variants
related by a 10.5-deg rotation about [0001]. This
possibility can be eliminated with fractography by
inspecting faceted growth markings that do not lead
back to the 10.5 deg about [0001] boundary.[14] Another
explanation for the presence of this speciﬁc pair of
variants at many crack initiation site is that there is a
substantial reduction in small crack growth resistance at
these low-angle boundaries. High-angle colony bound-
aries are an eﬀective barrier to small crack growth;[59,60]
however, when small cracks encounter a neighboring
colony with a common basal plane, crack propagation
proceeds with little resistance.[12] Consider the hypo-
thetical situation in which two cracks nucleate at two
diﬀerent locations in the microstructure on the same
load cycle. The colonies are both the same size and have
an available basal slip length d. The crack grows
incrementally with each additional load cycle[12] until it
reaches the next colony boundary. The crack in the ﬁrst
colony is arrested at this boundary because there is no
closely oriented slip plane with suﬃcient dislocation
debris or low enough cohesive energy to continue
advancing by faceted growth. Additionally, the current
crack length (d) is suﬃciently small that DK at the crack
tip is not large enough to advance the small crack by
conventional striation growth mechanisms. The crack in
the second colony, however, has a neighbor with a
common basal plane that also has a basal slip length
of d. The crack continues to propagate over the colony
boundary with little resistance until an eﬀective crack
length of 2d is obtained. The driving force for further
crack propagation increases with DK, which increases
with increasing crack length, so multicolony facets are
already in a more favorable position to become the
catastrophic initiation site due to the larger stress
intensities at the crack tip. It is acknowledged that
fracture mechanics is generally not appropriate to
discuss small crack behavior, however, due to the large
colony size of the cast and hot isostatically pressed
material utilized in this study, a crack that is only one or
two colonies can be greater than a millimeter in some
cases and, thus, there will be a substantial stress
intensity at the crack tip. Thus, one can use this
qualitative argument to understand the diﬀerence in
continued crack propagation in single vs multicolony
facets in the alloy under investigation. On the other
hand, when the colony (or grain) size is much smaller,
whether or not small cracks continue to grow depends
primarily on the local microstructure,[62] including
crystallographic orientation with respect to the applied
loading and, perhaps more important, the local neigh-
bor-to-neighbor misorientation.
VI. SUMMARY AND CONCLUSIONS
The complete and thorough characterization of fac-
eted crack initiation sites requires the following two
pieces of information: (1) the spatial orientation of the
facet plane and (2) the crystallographic plane exposed to
the facet surface. We have shown two methods for
revealing the microstructure beneath fracture surfaces
that utilize electropolishing, the FIB, or both. The FIB-
based method is signiﬁcantly less destructive and has
much better spatial accuracy. Crystallographic orienta-
tions were determined by collecting EBSD patterns from
the FIB-milled surfaces or from the electropolished
regions. The lattice orientation was linked to the
physical features on the fracture surface through the
use of quantitative tilt fractography. These methods
permitted the orientation of the b phase to be considered
for the ﬁrst time as it relates to fatigue crack initiation
and growth in fully lamellar titanium alloys. The EBSD
pattern quality improved signiﬁcantly on the ion-milled
surface after a ﬁnal low-energy raster mill at 5 kV. The
following conclusions regarding the relationship be-
tween microstructure and crystallography in Ti-6Al-4V
were reached.
1. Two sets of distinct linear markings were observed
on the faceted fatigue crack initiation sites. One set
was found to be parallel to one of the hai directions
in the basal plane, while the other was associated
with the a/b interface. The precise basal hai slip sys-
tem was identified using the crystallographic and
geometric relationships imposed by the Burgers
orientation relationship.
2. Microstructural and EBSD analysis of three small
cracks revealed by FIB milling suggested that all
initiated at colony boundaries that were favorably
oriented for slip transfer from the (0001) 1120
 
slip




slip system in the adja-
cent grain. A phenomenological mechanism was
proposed in which this type of slip transfer results
in the formation of residual [0001] boundary dislo-
cations and eventual crack nucleation and propaga-
tion along the basal plane.
3. The fatigue life of a specimen in which the cata-
strophic crack initiated as a result of ha1i slip was
significantly shorter than another that initiated due
to ha2i slip. This observation was rationalized on
the basis of the arrangement of dislocations on the
basal plane for each type of slip system; however,
the difference in size of the two facets and the ori-
entation of the basal planes of nearby colonies can-
not be discounted as contributors to the difference
in fatigue life.
4. The long axis of fatigue striations were found to be
nearly parallel to the c-axis of the hcp unit cell and
formed readily in grains oriented for 1010
 hai slip.
The local mode I component acting on the crack
tip can likely be used to predict the growth direc-
tion through a particular colony; however, more
detailed analyses are required to confirm this.
5. Lattice rotations about the [0001] axis were observed
in colonies in which the crack front advanced by stri-
ation growth, presumably to accommodate strain
within the cyclic crack tip plastic zone.
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